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bstract

A numerical model has been developed to simulate Cu precipitation in dilute bcc Fe–Cu alloys during non-isothermal aging taking into account
ompetitive nucleation at grain boundaries, dislocations and in the matrix, and structural transformation of Cu particles that occurs during growth.
he temporal evolution of number density, mean particle size and size distribution during continuous cooling is simulated and is compared
ith experimental observations under transmission electron microscope and three-dimensional atom probe field ion microscope. With decreasing
emperature the growth and coarsening rates diminishes rapidly whereas nucleation continues to occur down to lower temperatures due to the
ecrease in the activation energy of nucleation and thus, distributions of fine particles can be obtained relatively easily after cooling. Precipitation
nd dissolution during continuous heating are simulated and are compared with experimental observations in the literature.

2007 Elsevier B.V. All rights reserved.
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. Introduction

Cu precipitation in steel has attracted considerable atten-
ion for more than half a century because it causes irradiation
mbrittlement in structural steels of nuclear reactor. Besides it
rouses interest among people for various reasons; the combina-
ion of strength and ductility is improved in low carbon tempered

artensitic steels: bake-hardenability can be improved in pre-
trained ferritic steels. It has also attracted attention with respect
o recycling of scrap steels.

Several authors attempted modeling of Cu precipitation
n iron alloys during thermal aging and under irradiation.
hey include modified Langer–Schwartz (MLS) model [1,2],
-model [1,3,4], Monte Carlo simulation [5–7] and cluster
ynamics [8]. The present authors employed N-model to sim-

late precipitation of Cu particles in thermal aging in regard
o steel microstructure, more specifically taking into account
ompetition between homogeneous and heterogeneous nucle-
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tion sites, e.g. dislocations and lath boundaries [4]. In these
imulations the competitive precipitation was treated introduc-
ng solute-depleted zones for heterogeneous nucleation sites in
hich mass balance of solute was treated independently from

he rest of the system.
Industrial processes customarily consist of not only isother-

al, but also non-isothermal heat treatment. In fact, N-model
as employed to simulate non-isothermal precipitation in Al

lloys [9,10]. Accordingly, a model has been developed to sim-
late Cu precipitation during continuous cooling and heating
n steel that has more than one type of heterogeneous nucle-
tion sites. The phase transformation of precipitates is treated
henomenologically.

. Simulation method

.1. N-model of competitive nucleation

The system is divided into zones associated with the type

f nucleation sites as shown in Fig. 1, where Ωλ is the volume
raction of the λth zone (λ = 1, 2 and 3 for matrix, dislocations
nd grain boundaries), ωλ is the volume fraction of particles
n that zone and c0, cp and c̄λ are the Cu concentration in the
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ig. 1. Nucleation zones associated with heterogeneous nucleation sites, e.g.
islocation and grain boundary. The mean solute concentration differs from
ach other.

ulk, in the particles and the mean concentration in the region
xcluding precipitates in the λth zone, respectively. The total
article number N, the particle number Nλ and mean particle
adius R̄λ in the λth zone and c̄λ are calculated at very fine time
teps. The mean concentration in the matrix of each zone is
pdated at every time steps, using the mass balance equations
3,4]

0Ωλ = c̄λ(Ωλ − ωλ) + cpωλ for λ = 1, 2 and 3 (1)

Fig. 2 shows a path of cooling and heating envisaged in this
tudy. bcc and fcc Cu particles are nucleated at grain boundaries,
islocations and in the matrix during the heat treatment. Accord-
ng to the classical nucleation theory [11], the time dependent

ucleation rate is given by

∗ = Nvβ ∗ Z exp

(
−�G∗

kT

)
exp

(
−τ

t

)
(2)

ig. 2. Fe corner of Fe–Cu binary phase diagram [31]. A dotted curve is the
iscibility gap of the bcc solid solution. A dashed curve is the Curie temperature.
vertical arrow shows cooling and heating of a Fe–1.5 wt% Cu alloy.
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here Nv, β*, Z, �G* and τ are, respectively, the num-
er of potential nucleation sites, frequency factor, Zeldovich
on-equilibrium factor, activation energy of nucleation and incu-
ation time. All these, but Nv are calculated assuming a spherical
ucleus in the matrix and a double spherical cap nucleus on grain
oundaries. They are given by

β∗ = 16πσ2Dc̄

a4(�GV)2 , Z = va(�GV)2

8π(kTσ3)1/2 , �G∗ = 16πσ3

3(�GV)2 ,

and τ = 8kTσa4

v2
a(�GV)2Dc

(3)

or nucleation in the matrix, where a, σ, D and va are the lattice
arameter, nucleus/matrix interfacial energy, solute diffusivity,
olume of an atom in the nucleus and kT has its usual meaning.
GV is the volume free energy change attending nucleation and

s calculated from the equation

GV = kT

va
ln

c̄

ce
(4)

here ce is the solubility of bcc or fcc Cu, which was calcu-
ated by Thermo-calc using the parameter values in the Scientific
roup Thermodata Europe (SGTE) solution data base [12]. For
ucleation on grain boundaries they are given by

β∗
gb = β∗L(θ), Zgb = Z√

K(θ)
, �G∗

gb = �G∗K(θ),

and τgb = τ
K(θ)

L(θ)
(5)

here K(θ) and L(θ) are defined by

(θ) = (2 + cos θ)(1 − cos θ)2

4
,

L(θ) = 1 − cos θ and cos θ = σb

2σ

nd θ is the contact angle of a nucleus with the grain boundary.
he incubation time for continuous cooling (or heating) is cal-
ulated assuming that the additivity rule is valid, that is, from
he equation

i=1

�t

τi

= �t

τ1
+ �t

τ2
+ · · · + �t

τn

= t

τ
(6)

here τi is the incubation time of the ith time step.
For nucleation at dislocations it is reported that spherically

haped coherent precipitates, whose shear modulus is larger
han that of the matrix, can be nucleated alongside a dislocation
13,14]. Indeed, the elastic constants of bcc Cu are somewhat
reater than those of �Fe [15,16]. Although direct experimental
vidence is yet to be available, it is assumed that coherent bcc Cu
lusters are nucleated at dislocations. One cannot, however, rule
ut the possibility that fcc Cu particles are nucleated at highly
isordered sites, e.g. kinks and jogs of dislocations. The Larche’s

ffective interfacial energy for coherent nucleation alongside a
islocation [14]

d = σ − μb(1 + ν)

9π(1 − ν)
|ε| (7)
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S3 ≈ 2
d

SG (12)

where a factor 2 is due to the fact that interfaces are present on
both sides of a boundary. On the other hand, the volume fraction
30 J.B. Yang et al. / Materials Science

here b(=2.47 × 10−10 m) is the Burgers vector of the dislo-
ation, μ(=81.6 GPa) is the shear modulus, ν(=0.293) is the
oisson’s ratio and ε(∼0.03) [15,16] is the misfit strain of the
article in the matrix, is used for nuclei of bcc Cu on disloca-
ions. In the calculation the nucleus/matrix interfacial energy is
ssumed to be 0.27 J/m2 for bcc [17], whereas the interfacial
nergy of fcc �-Cu is reported to be 0.52 J/m2 [18].

For simulation of grain boundary precipitation one needs
o incorporate the distribution of grain boundary character and
nergies. To the best of the authors’ knowledge this has not been
one. Here, we assume that all grain boundaries have a single
nergy σb = 0.8 J/m2, the experimental value reported earlier for
bcc Fe-C alloy [19]. Boundaries are then wet for nucleation of
cc Cu. As shown later (Fig. 4b), a smaller number of coarse par-
icles are observed at grain boundaries. Whereas bcc Cu could be
ucleated at some boundaries of lower energy, fcc Cu particles
re assumed to be nucleated on grain boundaries.

Precipitates occupy a progressively larger number of nucle-
tion sites with time. The decrease in the number of unoccupied
ites at grain boundaries per unit volume is given by

b = 1

a2 (SG − πR̄2
3N3) (8)

here SG is the grain boundary area per unit volume. It is equal to
G = 3.35/d if the matrix consists of tetrakaidecahedra of equal
ize [20], where d is the distance between square faces (d is
aken to be a grain size in the later section). On the other hand,
he decrease in the number of unoccupied nucleation sites at
islocations is written as [4]

d = 1

a2 (ρ − 2R̄2N2) (9)

here ρ is the dislocation density.

.2. Pipe diffusion- and grain boundary diffusion-assisted
rowth of precipitates

Under the mean field approximation the growth rate of par-
icles nucleated in each zone is calculated from the equation

i,λ = dRi,λ

dt
= c̄λ − cR

cp − cR

D

Ri,λ

(10)

here cR is the Cu concentration at the particle/matrix and D is
he diffusivity that rate-controls the growth of particles. Ri,λ is the
adius of particles at the ith time step in the λth zone. In other N-
odels newly formed nuclei were allocated to a predetermined

ize class, and the growth rates of particles were calculated at
he edges of the size class [1,21]. In this model the growth rates
f all particles are calculated in a straightforward manner. In
rinciple the critical nucleus cannot grow because it is at (unsta-
le) equilibrium with the matrix. It is assumed that the nucleus
tarts to grow when the radius becomes R* + �R by thermal
uctuation, where �R satisfies the condition �G = �G* − kT/2

11,22]. Thus, the initial radius becomes

= R∗ + �R ≈ R∗ +
√

kT

8πσ
(11) F

3
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The transport of solute is assisted by diffusion along the dis-
ocation core and grain boundaries, the latter being established
s collector plate mechanism [23]. For particles on grain bound-
ries the apparent diffusivity that controls nucleation and growth

an be expressed approximately as D ∼ (D2
bDv)

1/3
at early and

iddle stages at which the overlap of diffusion fields within the
oundaries is not significant, where Db is the diffusion coeffi-
ient along grain boundaries and Dv, the volume diffusivity. For
articles on dislocation the corresponding diffusivity is assumed

o be D ∼ (DpD
2
v)

1/3
, where Dp is the pipe diffusion coef-

cient. Dv ∼ 2DFe = 1.0 × 10−4 exp(−240,000/RgT) m2/s and
bδ ∼ 5.4 × 10−14 exp(−155,000/RgT) m2/s were taken from

he compilation by Fridberg et al. [24], where δ is the boundary
hickness and Rg is the gas constant. The activation energy of
ipe diffusion Dp was calculated assuming that the ratio of the
ctivation energy of pipe diffusion to that of volume diffusion is
0.73 [25]. It is well known that Cu particles undergo a struc-

ural transformation, following the sequence bcc → 9R → fcc
hen it grows to a few nm in diameter [26,27]. The change in

olubility of Cu and particle/matrix interfacial energy accompa-
ies the transformation. In view of the lack of data on twinned
R structure it is assumed that the parameter values change from
hose of bcc to fcc Cu when the particle radius becomes 2.5 nm.

.3. Expansion of solute-depleted zone

Fig. 3 shows a schematic illustration of the solute-depleted
one associated with grain boundaries (zone 3). In case that the
hickness of the solute-depleted zone � is not so large compared
ith the grain size the area of interface per unit volume is given

pproximately by
(

d − 2�
)2
ig. 3. Schematic illustration of solute-depleted zone of grain boundary (zone
).
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f zone 3 is given by

3 ≈ 1 −
(

d − 2�

d

)3

(13)

t is assumed that at late stages the rate of expansion of the zone
s controlled by the flux of Cu atoms into the zone from the

atrix. It is expressed as

dc

dx
S3 = DS3

c̄1 − c̄3

�
≈ (c0 − c̄3)

dΩ3

dt
(14)

In the r.h.s. of the above equation c0 is relevant because both
he matrix and precipitates therein are taken into zone 3 as zone

is eaten away. Thus, from Eqs. (12) and (13) the increasing
ate of the zone thickness is given by

d�

dt
≈ c̄1 − c̄3

c0 − c̄3

D

�
(15)

here a factor 1.12 arising out of differentiation of Eq. (13) was
mitted. A solute-depleted zone is developed around disloca-
ions in a similar way. At sufficiently long times the radius of
olute-depleted zone around dislocation (zone 2), denoted rd, is
iven by

drd

dt
≈ c̄1 − c̄2

c0 − c̄2

D

rd
(16)

s has been described elsewhere [3,4].

. Experimental procedure

Electrolytic iron and high-purity copper were vacuum induc-
ion melted. The alloy composition is shown in Table 1. A
0 kg ingot was hot rolled to a final thickness of 4 mm at
200 ◦C and was air-cooled. During air-cooling the slab may
ndergo � to � massive transformation. The hot-rolled slab was
hen solution treated at 830 ◦C for 10 min and cooled down to
00 ◦C at L = 0.02 and 0.1 ◦C/s, and was quenched. The speci-
ens were observed under a transmission electron microscope

JEM-2010F) operated at 200 kV. Cu particles were observed in
right field under a defocused condition. A STEM-EDX anal-
sis showed that they were indeed Cu particles. A substantial
raction of dislocations may have been annihilated during solu-
ion treatment and cooling. Thus, it was assumed that particles

hat grew to ∼10 nm or larger were formed on dislocations. The

ean radius and number density of particles on dislocations
ere evaluated from micrographs of ca. 10 areas, assuming that

he specimen thickness was 100–300 nm. Fig. 4a shows a TEM

able 1
hemical composition of alloy (wt%)

u 1.5
0.001

n 0.01
i 0.01

0.001
0.001
0.001
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ig. 4. TEM micrographs of (a) Cu particles on dislocations, L = 0.1 ◦C/s and
b) Cu particles on a grain boundary, L = 0.02 ◦C/s.

icrograph of Cu particles on dislocations (the dislocation den-
ity is ∼3 × 1013 m−2 in this area) in the specimen cooled at
= 0.1 ◦C/s. These particles have presumably transformed to fcc

or 9R structure) and thus, started to elongate. This implies that
he assumption of sphericity results in a crude estimate of vol-
me fraction of particles at prolonged aging. Fig. 4b illustrates
micrograph of a Cu particle formed on the grain boundary.
hilst the matrix grain size was not measured for this speci-
en, the mean grain size was estimated to be ∼50 �m from a

revious study [2].
Three-dimensional (3D) APFIM analyses were conducted

ith a CAMECA optical tomographic atom probe (OTAP). They
ere performed under a vacuum of 10−8 Pa with a pulse fraction
f 20%, a pulse repetition rate of 1 kHz and at a specimen tem-
erature of 50 K. There was no difficulty to distinguish between
ron and copper atoms since the mass-to-charge ratio of the for-

er was mainly around 28 (they were actually Fe2+ ions), and
he ratio of the latter was around 31.5 (Cu2+ ions), which was
asily resolved by the instrument. The detection efficiency was
ssumed to be 50% and this was taken into account when the

adius of a cluster was calculated from the number of detected
ons. Fig. 5 illustrates a distribution of Cu atoms in the speci-
en cooled at L = 0.1 ◦C/s, where Fe atoms are not shown for

larity. Several Cu clusters are readily recognized as aggregates
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Fig. 6. Variation with temperature of calculated nucleation rate (a) in the matrix,
(b) on dislocations, and (c) on grain boundaries in a continuously cooled
F
(

w
p
c
i
p
c
t
t
c
i

ig. 5. APFIM mapping image illustrating Cu precipitates in a Fe–1.5Cu alloy
ontinuously cooled at L = 0.1 ◦C/s.

f Cu atoms and an approximate size of the Cu clusters could
e determined even with a naked eye. In order to locate Cu
lusters systematically a sampling method with a specific con-
entration threshold was applied. The presence of Cu clusters
ere explored by moving the sampling volume of a diameter

anging from 1 to several nanometers in the whole data set, and
f the Cu concentration in the volume was determined to be
reater than 5 at.%, the sampling volume was recognized as a
u cluster. The error range of particle number is possibly one
rder of magnitude.

. Results and discussion

.1. Particle size and number density in continuously
ooled alloy

It is assumed in the calculation that the dislocation density of
pecimens re-heated to 830 ◦C, was ρ ∼ 1014 m−2 at the onset of
ontinuous cooling. Figs. 6–9 show variations with temperature
f the calculated nucleation rate, particle density, mean and crit-
cal radii of particles and mean Cu concentration in the matrix.
t is seen immediately that the nucleation rate is quite sensi-
ive to cooling rate (Fig. 6a–c). This is because at the slower
ooling rate particles have time to grow and the supersatura-
ion decreases faster (Fig. 9a–c). Nucleation occurred at a lower
emperature at grain boundaries than in the matrix and at dis-
ocations. This is due to our assumption that fcc particles with
larger nucleus/matrix interfacial energy are nucleated at grain
oundaries.

In Fig. 8a–c the mean particle radius increases initially
ecause of relatively high diffusivity at higher temperatures,
hereas it decreases with decreasing temperature. This is pri-
arily because coarsening occurs very slowly due to sluggish

iffusivity at lower temperatures. Besides, the system contin-
es to be supplied with new nuclei of smaller critical radius
nless nucleation rate totally diminishes. These nuclei grow very
lowly due to Gibbs–Thomson effect and low diffusivity. The
alculated particle radii were considerably smaller than those
bserved, especially in Fig. 8b and c. Since the critical radius
ecomes smaller than the possible lower limit of detection by
PFIM, the mean particle radius was calculated for particles
reater than the minimum detectable size (≥0.5 nm). However,
t was marginally greater than the mean size of all the particles,

he difference between the two mean values being even smaller
or particles on dislocations and almost null for grain boundaries.

It is seen in Fig. 7a–c that the calculated particle density
epends on the cooling rate at early stages of precipitation,

t
f
d
t

e–1.5Cu alloy. The cooling rate is L = 0.1 (curves denoted 1) and 0.02 ◦C/s
curves 2).

hereas the difference is retained to room temperature only for
article density in the matrix. It seems to be odd that the parti-
le numbers at the slower cooling rate are significantly greater
nitially whereas the nucleation rates appear to be smaller com-
ared to those at the faster cooling rate (Fig. 6). This is an artifact
aused by plotting in a linear- and log-scale. As shown in Fig. 10,
he nucleation rates at initial stages are almost identical for the
wo cooling rates and thus, the particle numbers for the slow
ooling rate become larger since the elapsed time is longer. It
s noted that the calculated nucleation rate at L = 0.02 ◦C/s has
wo peaks at ∼600 and 540 ◦C during cooling. This is because

ast growth of earlier nucleated particles deprives the matrix of
riving force for nucleation and it rises again at lower tempera-
ures.
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Fig. 7. Variation of particle density (a) in the matrix, (b) on dislocations, and (c)
on grain boundaries, with temperature in a Fe–1.5Cu alloy calculated at L = 0.1
( ◦
o

c
c
g
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o
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t
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f
i
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Fig. 8. Variation with temperature of calculated mean particle radius (solid
c
a
(

a
e

c
(
l
w
i
i

curves 1) and 0.02 C/s (curves 2). Dashed curves show variation of the density
f particles greater than 0.5 nm, possible detection limit of APFIM.

Furthermore, the observed particle number in the matrix after
ooling was more than one order of magnitude less than the
alculated particle numbers. The calculated particle number is
reater even when particles smaller than the detection limit
ere subtracted (dashed curves). The agreement between the
bserved and calculated particle numbers is apparently good
n dislocations. The particle density on grain boundaries were
ot measured because of fewer areas of observation due to the
elatively large grain size. It is noted that the particle density
bserved in the matrix is significantly smaller than calcula-
ion. This might be due to the large probe diameter (≥1 nm).
lternatively, the assumption of constant particle/matrix inter-
acial energy in a wide temperature range might be responsible
or these discrepancies because the interfacial energy tends to
ncrease with lowering temperature due to the entropy term. The
ahn–Hilliard non-classical nucleation theory [2,28] possibly

P
a
i
a

urves) and critical radius (dotted curves) (a) in the matrix, (b) on dislocations,
nd (c) on grain boundaries in a Fe–1.5Cu alloy continuously cooled at L = 0.1
curves 1) and 0.02 ◦C/s (curves 2).

ccounts better for the temperature dependence of the activation
nergy for nucleation.

Continuously cooled transformation (CCT) curves were cal-
ulated and are compared with time-temperature-transformation
TTT) curves in Fig. 11. As usually expected, the CCT curves
ie to the right of the TTT curves above the nose temperature,
hereas it is not the case below the nose temperature. This

mplies that Cu precipitation occurs faster by continuous cool-
ng than by isothermal aging if the aging temperature is low.

hysically this is because sub-critical nuclei have been formed
t a higher temperature in continuous cooling and this is taken
nto account by Eq. (6) in the calculation. Aging of pre-strained
lloys is actually performed at such a low temperature.
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Fig. 9. Variation with temperature of solute concentration (a) in zone 1 (matrix),
(b) in zone 2 (dislocation), and (c) in zone 3 (grain boundary) in a Fe–1.5Cu
alloy calculated at L = 0.1 (curves 1) and 0.02 ◦C/s (curves 2).

Fig. 10. Logarithmic plot of calculated nucleation rate in the matrix in Fig. 6a.
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ig. 11. Calculated CCT and TTT curves for Cu precipitation in the matrix in a
e–1.5Cu alloy.

.2. Nucleation, growth and dissolution of Cu particles
uring continuous heating

Simulations were conducted assuming that initially no Cu
recipitates were present in the alloy. Fig. 12 shows variation
ith temperature of calculated nucleation rates in the alloy,
aving the same dislocation density (ρ = 1014 m−2) and con-
inuously heated at L = 0.17 ◦C/s. Nucleation began to occur at
islocations around 400 ◦C and somewhat below 500 ◦C in the
atrix. As seen in Figs. 13 and 14, Cu particles nucleated in

he matrix grew for some time, but soon began to decrease in
olume fraction and totally disappeared at ∼670 ◦C, i.e. 85 ◦C
elow the solvus of bcc Cu (755 ◦C). This is because the volume
raction of zone 3 of homogeneous nucleation decreases due to
he expansion of solute-depleted zone around dislocations and
rain boundaries. In other words, smaller particles in the matrix
issolve faster than those in the other zones in the global com-

etition during coarsening. It can be shown that at a smaller
islocation density particles in the matrix remained up to a higher
emperature, Unfortunately, direct experimental evidence for
arly dissolution of particles in the matrix is yet to be obtained.

ig. 12. Variation with temperature of calculated nucleation rate in the matrix
solid curve) and on dislocations (dashed curve) in a Fe–1.5Cu alloy continu-
usly heated at L = 0.17 ◦C/s and ρ = 1014 m−2.
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ig. 13. Variation with temperature of calculated mean particle radius in the
atrix (solid curve) and on dislocations (dashed curve) in a Fe–1.5Cu alloy

ontinuously heated at L = 0.17 ◦C/s. The dislocation density is 1014 m−2.

Maruyama et al. [29] studied Cu precipitation in ferritic and
artensitic steels by differential scanning calorimetry (DSC).
hey observed three exothermic peaks that were attributed to

he formation of Cu nuclei (∼330 ◦C in the deformed ferritic
teel), Cu diffusion in the bcc Fe matrix (∼560 ◦C) and structural
ransformation from bcc to fcc Cu particles (∼610 ◦C), see Fig.
of Ref. [27]. In comparison with these observations, first, the

st broad peak did not appear in this simulation. This is prob-
bly because the formation of sub-critical solute clusters was
ot considered in this modeling. Second, the heat evolution was
alculated from the latent heat of structural transformation of
u particles (Hbcc→fcc

trans = −4017 + 1.255T J/mol [30]) and the
eat of dissolution of Cu particles (H�Cu

sol = 84.4 kJ/mol [31]).
t is seen in Figs. 14 and 15 that the calculated peaks at ∼600 ◦C
nd ∼670 ◦C are caused by rapid increase in the volume of bcc
nd fcc particles, respectively. It is tentatively proposed that they

orrespond to the 2nd and 3rd peaks observed in DSC analysis,
hich are denoted peaks B and C, respectively. Since �Htrans,
eat evolved by transformation (dashed curve), is much smaller
han �Hpptn, heat evolved by precipitation of bcc or fcc parti-

ig. 14. Variation with temperature of volume fraction of bcc (dashed curve),
cc (long-dashed curve) and the sum of bcc and fcc Cu particles (solid curve)
alculated at L = 0.17 ◦C/s and ρ = 1014 m−2. The arrows indicate the solvus
emperature of bcc and fcc Cu.
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ig. 15. Calculated heat evolution of a Fe–1.5Cu alloy during continuous heating
t L = 0.17 ◦C/s. The solid curve is the heat generated due to precipitation and
he dashed curve, due to structural transformation.

les (solid curve), it is likely that the observed 3rd peak is caused
ot only by structural transformation, but also by rapid growth
f transformed particles. The calculated peak temperatures are
onsiderably different from those of DSC analysis. This is prob-
bly because the former temperatures vary quite sensitively with
he assumed dislocation density and diffusivities as well.

. Summary

Cu precipitation in a bcc Fe–1.5Cu alloy during continuous
ooling and heating was simulated taking into account com-
etitive nucleation at grain boundaries, dislocations and in the
atrix, and structural transformation of Cu particles. The tem-

oral evolution of nucleation rate, particle density, mean particle
ize and size distribution and supersaturation in the matrix was
imulated assuming that the system was composed of more than
ne zone, i.e. solute-depleted zones associated with heteroge-
eous nucleation sites and the matrix. Nucleation was assumed
o occur as bcc Cu in the matrix and at dislocations, and as fcc
u at grain boundaries.

Whereas the growth and coarsening rates of Cu particles
iminished rapidly in continuous cooling, nucleation contin-
ed to occur at lower temperatures because the increase in
he amount of undercooling overrode the decrease in diffusiv-
ty. Calculated particle sizes were considerably smaller than
bserved ones whereas calculated particle numbers tend to be
reater than observations. It is tentatively proposed that a sig-
ificant proportion of smaller particles were not duly counted,
lbeit a further investigation that incorporates the temperature
ependence of the particle/matrix interfacial energy is necessary.
ne can expedite Cu precipitation by continuous cooling rather

han low temperature aging because sub-critical Cu clusters are
ormed readily at higher temperatures in the course of cooling.

Simulation results of Cu precipitation in continuous heat-
ng indicated the existence of two exothermic peaks that were

omparable to those reported by a DSC (differential scanning
alorimetry) study [29]. The peaks can be attributed to the
ucleation and growth of bcc Cu and growth of fcc particles,
espectively, although the simulated peak temperature depends
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